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ABSTRACT: Crazing in glassy polymer thin films was found to follow a micronecking process similar to
that of local shear deformation in ductile polymers. The void fraction in the fully necked craze region
was determined, and a close-packed fibril structure was concluded. The local stress and strain within
the craze were obtained from AFM topographic data by the Bridgman’s plasticity analysis. The stress/
strain curve of craze fibrillation was subsequently determined where an apparent strain softening was
found in the initiation of fibrillation, which was then followed by strain hardening as fibrils were drawn
into the neck region. Strain rate was found to peak at the craze boundaries, consistent with the surface
drawing mechanism from TEM results. During craze fibrillation, the local strain rate of the drawn polymer
increased with drawing strain until a critical strain εh was reached; beyond that, the strain rate decreased
with the strain. The critical strain εh, identified as the onset of strain hardening, was found to decrease
with entanglement density νe in the low-νe, craze-forming regime but become a constant in the high-νe

regime where crazing was replaced by shear yielding. The transition between crazing and shearing is
controlled by the tendency of strain localization in the entanglement network.

1. Introduction

The brittle nature of glassy polymers has always been
a fatal drawback for extensive and novel applications.
This brittleness can be traced to the formation of the
microscopic crazes during plastic deformation.1-23 The
nucleation of craze is believed to result from the local
strain softening at the heterogeneously strained sites,
where the strain softening characteristic leads to both
an acceleration of the strain rate and a localization of
strain in these areas. The growth of craze can be divided
into two mechanisms at the craze tip and the craze-
matrix boundaries: the craze tip advancement and
craze thickening, respectively. A widely accepted hy-
pothesis7 on the craze tip advancement is that the craze
tip breaks up into a series of void fingers by the Taylor
meniscus instability.15,24-26 As the fingerlike craze tip
structure propagates, fibrils develop by deformation of
the polymer webs between the fingers. Following the
deduction and assumption of Fields and Ashby,7,26 the
advance velocity of the craze tip at the steady state can
be represented by the equation

where h is the thickness of the craze behind the craze
tip, â*St is the hydrostatic stress midway between void
fingers, Γ is the surface energy, n is the non-Newtonian
flow law exponent, and σf, ε̆f are material parameters.
The important conclusion is that the advancing velocity
of craze tip is very sensitive to the energy Γ of the
surface being created.

Almost concurrent to the craze tip advancement, at
the craze-matrix interface craze thickening occurs,
during which new material is drawn into the craze from
the elastic region. The drawing mechanism has a
property that the volume fraction of polymer in the craze
is approximately constant.9 The most important param-
eter for traditional mechanical analysis of the micro-

mechanism is the normal tensile stress, S(x), which is
measured by the craze surface displacement profile
along the craze and then used to compute the S(x)
profile. For simplicity, the polymer outside the craze is
assumed to be under linear elastic deformation, and the
dislocation method of stress analysis is used to deter-
mine craze stress fields.27 The stress S(x) can be
expressed as11,13,14,27

where E* ) E/(1 - ν2) in which ν is the Poisson ratio, b
is the Burger vector of the array of continuously
distributed dislocations which are used to model the
behavior of craze, c and a are the half lengths of the
crack and the total defect (crack and craze combined),
respectively, R(x) is the dislocation density, and x is the
distance away from crack. In this way, the stress
distribution along the longitudinal direction of the craze
can be obtained and analyzed in detail.

The microstructure of craze has been studied exten-
sively, especially in thin film specimens by TEM.16-21

It was found to consist of microfibrils and microvoids.
Through small-angle X-ray scattering (SAXS) and low-
angle electron diffraction (LAED) techniques, the aver-
age diameter and the arrangement of these microfibrils
have been determined.5,8,18,28,29 The draw ratio in the
crazed region was measured by the TEM microdensi-
tometry technique.9,10,19-21 The remarkable draw ratio
of around 400% in the crazed region is much greater
than the fracture elongation (ca. 1-2%) in bulk glassy
polymers. Later, Yang utilized the method of atomic
force microscopy (AFM) to study the crazes in polymer
thin films and found that the crazed region was de-
pressed with a saturated depth of one-third of the film
thickness.22 The depression was concluded as the result
of micronecking during the crazing process. This mi-
cronecking mechanism induces the formation of crazes
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as well as the other types of strain localization in
polymers, e.g., shear deformation zones in ductile glassy
polymers during deformation. According to the calcula-
tion of the Bridgman model,30 there is an additional
triaxial tension stress and shear stress induced during
the formation of the necking process. By this classical
calculation, we can analyze the stress distribution at
the necking area.22,30 In this paper, the micromechanical
data of stress, strain, and strain rate that associated
with crazing in glassy polymer thin films were studied
by using AFM and the mechanical models.

2. Experimental Procedures
The polystyrene (PS) was purchased from the Pressure

Chemical Co. with molecular weight dispersity Mw/Mn ) 1.06.
The poly(phenylene oxide) (PPO) was obtained from Aldrich
Chemical Co. with a molecular weight of 244 000. The polymer
thin film was prepared by solution-casting the toluene solution
in a spin coater at spin speed of 1500 rpm. The film thickness
was controlled to be around 0.45 µm. When the solvent
evaporated, the PS film was floated onto a water surface and
picked up on a piece of copper grids. After proper bonding
procedure,9 the specimen was mounted in a strain jig and
stretched under an optical microscope to observe the growth
of local deformation zones (crazes or shear deformation zones).
The applied strain rate was restricted within the range of
10-4-10-5/s. For investigating the molecular weight effect,
several molecular weights of PS were used including 90K,
200K, 900K, 2M, and 30M, with film thickness 0.45 µm. For
the entanglement density effect, the PS (Mw ) 2M) and poly-
(phenylene oxide) (PPO) (Mw ) 24 400) were separately
blended with the PS oligomer diluents (Mw ) 2K) to adjust
entanglement densities. The high molecular weight composi-
tions and corresponding entanglement densities of the miscible
blends were 100% PPO (15 × 1025 chains/m3), 90% PPO (12 ×
1025 chains/m3), 70% PPO (7.35 × 1025 chains/m3), 100% PS
(3.3 × 1025 chains/m3), 90% PS (2.67 × 1025 chains/m3), and
70% PS (1.62 ×1025 chains/m3).

The stretched PS film samples were then examined under
an AFM (Digital Instrumental, Nanoscope IIIa) to investigate
the topographic information on the local deformation zones.
The AFM topographic data were used to calculate the local
micromechanical information in the crazes using an in-house
developed software to simplify the tedious work of calculation.

3. Results and Discussion
I. Micronecking Mechanism of the Craze. It is

well-known that the brittle PS thin film crazes at
around 1% strain. The AFM topographic profile of the
craze is illustrated in Figure 1. Clearly demonstrated,
the crazed region is depressed. The AFM craze profile
was divided into the neck and the shoulder regions. The
shoulder region is defined as the area between the cross-
section points A (or A′) and B (or B′), as depicted in

Figure 1. On the other hand, the neck region is the
central region between points B and B′. Being the
steepest section of the AFM craze topography, the profile
of the shoulder has a maximum surface angle θ (of the
sections AB and A′B′) around 21.5°, well below the AFM
tip angle, which varies with the scan direction22 of
around 40°-65°. Consequently, the AFM profile repre-
sents the true craze topography. As shown later in the
next section, the craze depth increases linearly with
craze width but saturates when the craze width is
greater than approximately 2.5 µm for the 0.45 µm thick
PS film. As concluded previously,22 the surface depres-
sion in the craze region is a result of micronecking
during the strain localization process, which is similar
to, but on a very different scale from, that occurring
during the cold drawing of glassy polymers.31 Therefore,
only mature craze sections, where craze width is greater
than 2.5 µm, were examined for a complete study of the
microdrawing process of crazing.

It is interesting that from the apparent AFM topo-
graphic profile the tensile strain ε in the craze can be
calculated as a function of position within the craze. As
a preliminary calculation, it is assumed that the necking
produces no volume change whereas the voids volume
underneath the AFM craze topography is neglected.
Under these circumstances, the local strain ε(x) can be
calculated from the apparent thickness reduction32 by

where A0, t0, A(x), and t(x) are the original film cross-
sectional area, original film thickness, the film cross-
sectional area in the craze, and the film thickness within
the craze, respectively; these parameters are illustrated
in Figure 2. Figure 3 shows the calculated strain from
a mature craze. A plateau of elevated strain in the
middle region of the craze, i.e., the neck region, is
evident. The maximum elevated strain according to this
preliminary calculation is around 220% (Figure 3),
resulting in a craze fibril extension ratio λ of ap-
proximately 3.2 (λ ≡ 1 +ε) and a craze volume fraction

Figure 1. An AFM topographic profile of crazes in a 0.45 µm thick PS film.

Figure 2. A schematic drawing of the micronecking associ-
ated with crazing.

ε(x) ) ln[A0/A(x)] ) 2 ln[t0/t(x)]
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Vf (relative to the original film thickness t0) of 0.31 since,
according to Kramer,1 Vf ) λ-1. This value 0.31 is
significantly greater than the 0.25 measured by TEM
microdensitometry.1 Apparently, this discrepancy re-
sults from the void content vv in the neck, which is
difficult to detect accurately with the conventional AFM
method. The fact that the internal craze structure may
be different from that of the surface is due to possible
fibril coalescence,18 which further increases the degree
of infeasibility. Hence, the TEM result was used to
calibrate the void fraction vv in the neck. The calibration
was carried out using vv ) (Vf,AFM - Vf,TEM)/Vf,AFM gives
vv ) 0.2 and the packing density of fibrils in the neck,
vf ) 1 - vv, to be approximately 0.8, which is very close
to the theoretical maximum packing density of cylin-
ders, around 0.79. This result is reasonable as the fully
fibrillated craze fibrils,1 when entering the central neck
region, would inevitably be highly compressed into
maximum packing as a result of maximal thickness
contraction associated with necking. It can be readily
shown that vf ) Vf,TEM/Vf,AFM indicates that vf is the
degree of contraction of the craze fibrils in the thickness
direction.

Taking into account the voids volume in the craze,
the strain in the craze ε(x) can be calculated from the
AFM craze topography and the packing density vf(x) by

At the neck, with vf taken as a constant equal to 0.8,
the maximum strain is calibrated to be approximately
300%, significantly greater than the uncalibrated value
of 220%. Furthermore, for the shoulder regions at the
both sides of the neck, the fibril packing density vf is
very difficult to access due to the inability to obtain
simultaneous AFM and TEM data at the narrow region
(ca. <0.3 µm width). As an approximation, the fibril
packing density vf(x) is assumed to decrease linearly
with the distance x from the craze/matrix boundary from
vf ) 1 in the matrix to vf ) 0.8 in the neck (as shown in
Figure 1). The strain in the craze ε(x) was calculated,
and the result is also shown in Figure 3. The curve
demonstrates a similar behavior where it increases
rapidly at the shoulder region and then reaches a
maximum strain in the neck region although the
calibrated strain is generally higher than the uncali-
brated strain.

II. Stress Distribution in the Crazed Region. The
stress distribution in the necked area can be calculated

by classical necking mechanics. Following Bridgman,30

for force balance of a necking plate, as depicted in Figure
3, the integration of the tensile stress at any cross
section of the specimen should be equal to the applied
load, i.e.,

where σzz is the tensile stress along the loading axial, r
is the distance away from the neutral axis, a is the
distance from the neutral axis to the surface of the
specimen, and Fzz is the applied load along the tensile
axis. When necking initiates, there is a hydrostatic
tension σrr induced at the site of necking area which
can be expressed as

where R is the local surface curvature at the neck. In
addition to the triaxial tension induced at the necked
site, a surface shear stress τ is operative at the surface
of the neck region,

where R is the local surface angle between the surface
and stretching axis. The local topographic data of R, r,
R, and a can be readily obtained from AFM scanning
the craze surface from which the stress distribution
within a craze can be calculated directly. The stress
distribution calculated from the AFM topography cor-
rected with the fibril packing density vf(x) is shown in
Figure 4. Stress distribution inside the craze is higher
than that in the elastic deformed region and demon-
strates a maximum stress located at the central region
of the crazes, caused by the largest cross-sectional area
reduction in this region. The maximum stress in craze
is roughly 4.2 times greater than the outside craze and
approximately 1.43 times of the raw data without
calibration. The shear stress across a craze can also be
calculated using the Bridgman equation. The shear
stress also concentrates in the crazed region with a
marked maximum at each craze/matrix boundary. Shown
later, the high shear stress at the edge of the craze is
responsible for fibril drawing.

III. Microdrawing Process during Crazing. The
formation of the craze is always a consequence of the
strain localization. Under the traditional testing ap-
proach, it is hard to obtain the microscopic stress and

Figure 3. Local tensile strain distribution across the craze width.
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strain curve of the craze because of the multiple
formation of crazes in the specimen. By combining the
strain and stress calculated above, the stress-strain
curve of craze fibrillation can be constructed. Before
carrying out this process, it was noticed that the AFM
topographic profile of the shoulder zone near the craze
boundary was followed by crazes of different widths. The
schematic profiles of a widening craze are shown in
Figure 5. Corresponding to the profiles in Figure 5, the
craze depth vs craze width is shown in Figure 6. The
depth of the craze depression was observed to increase
linearly with width when craze depth is less than the
critical width wc. When the craze widens beyond wc, ca.
2.5 µm for a 0.45 µm thick PS film as shown in Figure
6, the depth becomes constant with craze width. When
the polymer is drawn into a craze, the film first
undergoes a neck formation which generates the contour

of the shoulder zone at the boundary of the craze. When
the shoulder formation is completed at the critical craze
width, neck propagation initiates, generating the pla-
teau region within the craze depression. This is the so-
called micronecking process of glassy polymers.22

Apparently, the stress vs strain data during the
shoulder zone formation are critical for the understand-
ing toward the craze fibrillation process. Figure 7 shows
a stress vs strain curve of crazing, constructed by
combining the strain and the stress calculated above
from a corrected AFM topographic profile. This curve
represents the stress-strain curve of the polymer craze
fibrillation process. The deformation strain of crazing
starts from the critical strain for crazing, ca. 1%, to
300% at the central neck region. In the central neck
region of the craze, the depth is nearly constant,
resulting unvarying local strain and stress values.

Figure 4. Stress distribution in the craze.

Figure 5. Neck development during craze widening. The critical craze width wc is the width above which the craze necking
becomes mature.

Figure 6. Maximum depth vs craze with in a 0.45 µm thick
PS film.

Figure 7. Stress-strain curve of fibril drawing in a 0.45 µm
PS film (craze width ) 2700 nm).
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Figure 8 also shows the stress-strain for different craze
widths. Apparently, the microdrawing process of crazing
consistently follows a single master curve.

The ratio of the stress and the strain represents the
modulus of the materials. From the slope of the stress-
strain curve of crazing, the variation of the Young’s
modulus during the formation of craze can be obtained.
This result is shown in Figure 9. It is worthy noting
that craze initiation is generally believed to result from
local strain softening. During the incipient growth of
crazes,1,4 the local sites of craze initiation were assumed
to become rubbery. Once the softened polymer is drawn
into crazes, it soon hardens due to chain orientation.
As shown in Figure 9, the modulus increases steadily
during craze fibrillation and finally reaches a maximum
when craze width approaches wc, the onset of craze neck
propagation. Greater modulus values at the neck than
that in the shoulder regions indicate that craze widens
by drawing new materials into the craze instead of
material creeping within the craze. This is consistent
with Kramer’s previous conclusions from TEM obser-
vation.1,16-19 Furthermore, the strain hardening rate
can be readily obtained from the craze stress-strain
curve shown in Figure 10. The strain hardening rate
increases rapidly at the craze boundaries and then

saturates to a maximum at the neck region. Therefore,
during the craze drawing process, the drawn polymer
in the craze becomes harder and harder to draw further.
When drawn polymer finally reaches the neck region,
the deformation virtually ceases.

The strain localization causing the heterogeneous
plastic deformation is a result of the nonuniform strain
rate distribution during deformation. The strain rate
distribution in the crazed region can be calculated from
the AFM topographic data by following the approach
adopted by G’sell and Marquez-Lucero.33 They used the
necking theory of Hutchinson and Neale34 for treating
the problem of a steady-state neck propagation. By the
conservation of volume during deformation, the strain
rate distribution at any point in the neck can be
expressed as33

where kp is the constant neck propagation speed and ε0
represents the strain outside the craze. Since the
necking model of G’sell and Marquez-Lucero assumes
a constant velocity of neck propagation, only mature
crazes with a width greater than the critical craze width
wc were studied using this approach. The calculated
strain rate distribution in the craze is shown in Figure
11. The shoulder region at the craze/matrix boundary
is the mostly rapidly strained region during the propa-
gation of necked area. The strain rate at the shoulder
zone is approximately 3 orders of magnitude greater
than that in the regions away from the shoulder. The
strain rate elsewhere is much slower.

The local strain rate information within a craze can
be further utilized to investigate the microdrawing

Figure 8. Stress-strain curves of fibril drawing to different
width.

Figure 9. Young’s modulus within the craze as a function of
fibril drawing.

Figure 10. Strain hardening rate vs local strain during craze
microdrawing in PS thin films.

Figure 11. Local strain rate distribution across the craze
width within a craze.

ε̆(x) ) -kp{exp[ε(x) - ε0]/t(x)}[∂t(x)
∂x ]
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process of craze fibrillation. Figure 12 shows how the
local strain rate of the drawn polymer varies with strain
during crazing. In this figure, two microdrawing curves
are overlapped due to the fact that each craze has two
boundaries, and at each boundary a microdrawing
process is taking place. The full range of the drawing
strain starts from the crazing strain, ca. 1%, to the
plateau strain at the central region of craze. The strain
rate increases as the material is drawn into the site of
the strain localization. This means that the material
deformation was accelerated during the straining due
to an apparent strain softening. The molecular mech-
anisms of strain softening at this deformation stage,
however, are not clear. As the strain increases, the
strain rate peaks and then decreases to a level corre-
sponding to strain hardening of the necking process. The
decline of the strain rate can be attributed to the strain
hardening of the polymer in the craze. This is consistent
with the observation that the modulus within the craze
increases with drawing strain as shown in Figure 9. The
strain with the maximum strain rate signifies the
beginning of strain hardening and therefore is termed
the hardening strain εh. The value of the hardening
strain εh should be related to the molecular entangle-
ment network structure, and a further experiment was
carried out to explore this possible relationship.

IV. Effect of Entanglement Network Structure.
From the basic affine deformation model of polymer, it
is assumed that the end-to-end vectors joining the
chemical or physical cross-linking point deform “uni-
formly”. The chain is free to assume a random config-
uration between these points. During the deformation
of the polymer network, it is the entanglement points
that sustain and transfer the deformation to the net-
work. The entanglement density of the polymer network
can be calculated from the rubber elastic theory to
be1,21,31

F is the density of the polymer, NA is Avogadro’s
number, and Me is the entanglement molecular weight.
The root-mean-square end-to-end distance between
entanglement points in the network is d ) k(Me)1/2. The
theoretical maximum extension ratio of a single strand
in the polymer entanglement network λmax can be

expressed as1,21,31

where le is the average contour length between two
adjacent entanglement points and can be approximated
as le ) l0Me/M0 in which l0 and M0 are the length and
molecular weight of the building units of the chain. The
correlation of λmax and entanglement density νe can
therefore be simplified as

It is clear from this relationship that the larger the
entanglement density, the lower the λmax if no chain
scission or disentanglement takes place during crazing.
In the initial stage of craze formation, as shown in
Figure 12 the strain rate increases as a result of the
deformation of the chain network. Although the appar-
ent strain softening mechanisms are not clear, it is
plausible that at the strain localization sites the glassy
polymer chains are activated by the large and concen-
trated mechanical energy. This enables the chains to
undergo a higher degree of motions such as rotations
and large vibrations. Under the influence of the applied
deformation, the locally activated polymer network
deforms in the direction of the external strain. The
deformation of the local chain network, however, should
be limited by the intrinsic entanglements. At a certain
point of deformation, the motion of the chain eventually
slows. This point should correspond to the hardening
strain εh defined previously. Therefore, εh must be
linearly proportional to λmax. Consequently, polymer
blends of lower entanglement density that have been
shown to have a greater λmax produce a greater εh value.
Therefore, we investigated the strain rate distribution
of different molecular weight PS’s as well as the PS’s of
different entanglement density. To compare with the
ductile deformation mode of local shearing, PPO blended
with low molecular PS was also studied.

To investigate the effect of molecular weight, PS films
of several molecular weights were prepared, from which
the strain rate distribution within the craze of each
sample was obtained. The hardening strain εh in crazes
of different molecular weight is shown in Figure 13. It

Figure 12. Local strain rate as a function of fibril drawing
in the craze.

νe ) FNA/Me

Figure 13. Hardening strain εh vs molecular weight of the
PS film.

λmax ) le/d

λmax ) A/xνe
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is evident that molecular weight in the range from 90K
to 20M at room temperature triggers no significant
effect.

The relationship between the hardening strain εh and
the entanglement density is shown in Figure 14. The
variation of entanglement density is achieved by blend-
ing the PPO or 2M PS with low molecular weight PS
(Mw ) 2K). The entanglement density of pure PPO is
15 × 1025 and 3.3 × 1025 chains/m3 in the pure 2M PS.
Since low molecular weight 2K PS is far below the
entanglement molecular weight of PS, 19K, blending
with 2K PS will dilute the molecular network and
decrease the entanglement density of the polymer blend.
The dilute entanglement density21 can be expressed as

where ν is the effective entanglement density after
blending, νe is the entanglement density of the high
molecular weight polymer, and ø is the fraction of the
high molecular weight polymer. It is demonstrated that,
for the polymer blend with higher entanglement density,
the hardening strain εh is very low and around 0.3,
independent of the variation in entanglement density.
However, for the polymer blend with low entanglement
density, the hardening strain εh increases remarkably
from 1.4 to approximately 2.8 as entanglement density
decreases from the νe ) 3.3 × 1025 chains/m3 (the
undiluted 2M PS) to 1.62 × 1025 chains/m3 (30% diluted
with 2K PS) following the 1/xνe dependence. It is
important to note that the samples with the hardening
strain εh independent of νe are ductile polymers that,
upon stretching, undergo local shear deformation rather
than crazing. On the other hand, those low-νe samples
in which εh decreases in consistency with the 1/xνe
dependence are the craze-forming brittle polymers.
Clearly, although the ductile and brittle glassy polymers
both deform by the similar micronecking mechanism22,23

in the microscopic terms, i.e., local shear deformation
or crazing, the varying dependence of εh on νe clearly
demonstrates the critical difference between these two
strikingly different deformation modes of glassy poly-
mers.

From Figure 14, it is clear that the polymer with a
loose entanglement network structure tends to undergo
the brittle crazing process upon applied strain. This is

consistent with Kramer’s previous results.1 In this low
entanglement density regime, however, the hardening
strain εh increases with the distance between entangle-
ments, indicating mobile molecular segments between
entanglements during crazing. It is reasonable to state
that the externally applied strain is more likely to
localize in polymers of this certain type of entanglement
network. When strain localizes, polymers will deform
in a brittle manner until fracture subsequently sets in.
On the contrary, for ductile polymers that undergo local
shear deformation upon stretching, the εh is very low
and independent of the distance between entangle-
ments. This observation indicates a tight and “rigid”
entanglement network that, upon external deformation,
tends to delocalize the deformation to a larger area,
effectively reducing the loading on each load-bearing
strand of the entanglement network, hence demonstrat-
ing ductile behavior.

4. Conclusions

1. The crazing of PS thin film is a result of the
micronecking mechanism. The strain and stress distri-
bution of the craze in the transversal direction can be
analyzed from the AFM scanned profile by the Bridg-
man plasticity model.

2. The stress-strain curve of the drawing of craze
fibrils during crazing can be obtained by combining the
calculated strain and stress from the craze topographic
profile. The curve shows evident strain hardening
during the formation of crazes.

3. Crazing is a consequence of strain localization, as
evident from the heterogeneous distribution of strain
rate in a craze. The maximum strain rate is located at
the boundary of the craze. This conclusion is consistent
with the previous surface drawing model for crazing
proposed by Kramer.1,16-19

4. The strain rate distribution within a craze can be
obtained to further investigate the microdrawing pro-
cess of craze fibrillation. The strain rate increases as
the material is drawn into the site of the strain
localization, indicating an apparent strain softening in
the initial stage of craze fibrillation. As the strain
increases, the strain rate peaks and then decreases to
a level corresponding to strain hardening of the necking
process. The decline of the strain rate is caused by the
strain hardening of the polymer in the craze. The strain
with the maximum strain rate signifies the beginning
of strain hardening and therefore is termed the harden-
ing strain εh.

5. The hardening strain εh is independent of the
molecular weight of PS from 90K to 20M at room
temperature. However, the hardening strain εh de-
creases with increasing entanglement density in the
craze-forming regime. Yet when the deformation mode
switches from crazing to local shear yielding as the
entanglement density becomes higher than a threshold
value, εh becomes independent of entanglement density.

6. In the craze-forming regime, the hardening strain
εh increases with the distance between entanglements,
implying the presence of mobile molecular segments
between entanglements during crazing. Hence, the
externally applied strain is considered more likely to
localize, and the polymer deforms in a brittle manner
of crazing. On the other hand, the ductile polymers
undergo local deformation with a very low hardening
strain εh which is independent with the distance be-
tween entanglements, indicating a tight and “rigid”

Figure 14. Hardening strain εh vs the entanglement density
of the PS film.

ν ) νeø
2
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entanglement network that tends to delocalize the
deformation to a larger area.
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